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The impact of heavy-ion produced defects on the mobility of dislocations, dislocation sources and newly
generated dislocations in 304 stainless steel are discovered by performing irradiation and deformation
experiments in real time in the transmission electron microscope. Dislocations mobile prior to the irra-
diation are effectively locked in position by the irradiation, but the irradiation has no discernible impact
on the ability of a source to generate dislocations. The motion and mobility of a dislocation is altered by
the irradiation. It becomes irregular and jerky and the mobility increases slowly with time as the
radiation-produced defects are annihilated locally. Channels created by dislocations ejected from grain
boundary dislocation sources were found to have a natural width, as the emission sites within the bound-
ary were spaced close together. Finally, the distribution of dislocations, basically, an inverse dislocation
pile-up, within a cleared channel suggests a new mechanism for generating high local levels of stress at
grain boundaries. The impact of these observations on the mechanical properties of irradiated materials is
discussed briefly.

� 2010 Elsevier B.V. All rights reserved.
1. Introduction

The degradation of the mechanical properties of metals
following exposure to irradiation with energetic particles, such as
neutrons, protons and heavy-ions, is well documented [1–10].
The degradation appears as a loss of ductility; an increase in the
yield strength, even to the point of establishing a distinct yield
point drop in face-centered cubic metals; and an increase in the
tensile strength. These responses are independent of the crystal
structure (BCC, FCC and HCP), material purity (pure metals and
alloys), and the nature of the energetic particle (electrons, ions,
protons and neutrons) used to create the damage. Post-deforma-
tion examination of the microstructure shows the black dot dam-
age (small interstitial and vacancy loops) typical of an irradiated
material with channels that are partially and perhaps fully cleared
of defects [11,12]. Within a channel, isolated dislocations as well as
tangled configurations of dislocations exist. Unifying these obser-
vations with the macroscopic mechanical properties and develop-
ing a physically-based model that can predict even the degradation
of the stress–strain behavior has been a challenge [4,7,8,13,14]. For
example, Arsenlis et al., based on the key features garnered from
experimental studies, developed a constitutive relationship that
captured the salient features of degradation of the macroscopic
stress–strain relationship [13]. However, even in this case key
ll rights reserved.
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experimental effects had to be treated phenomenologically. The
primary issue is a lack of understanding of the physical processes
controlling the deformation and how these processes dictate the
macroscopic properties.

Identifying the source of the dislocations responsible for
making these channels, how these dislocations clean the channel
of defects and how these dislocations interact with grain boundaries
has important implications in understanding the physical processes
governing irradiation-assisted stress corrosion cracking. Was and
Busby have considered the various effects occurring under irradia-
tion: production of a hardened matrix, formation of a defect-free
channel, Cr depletion at grain boundaries, grain boundary structural
modifications due to absorption of point defects, etc., and concluded
that none of these effects by themselves can account for the
susceptibility of stainless steels to stress corrosion cracking [15].
They concluded that an important component in determining why
a grain boundary response transitioned from transmission of strain
to grain boundary cracking was how the boundary accommodated
the dislocations from the channels and responded to the local stress
associated with the dislocation pile-up that formed.

Molecular dynamics computer simulations as well as dynamic
deformation experiments in situ in the transmission electron
microscope have shown the complex and numerous interactions
that are possible between a mobile dislocation and an irradia-
tion-produced defect [8,12,16–23]. Most recently these studies
have focused on the interaction of dislocations with isolated
stacking-fault tetrahedra, with the result that the interaction can
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annihilate a tetrahedron, shear it to produce smaller tetrahedra,
interact with it to produce either a smaller tetrahedron or another
type of defect. The details of the interaction are dependent on the
character of the dislocation, edge or screw; the type of tetrahedron,
truncated or full; and on the point of impact of the dislocation on
the tetrahedron, face or on the stair-rod dislocations that border it.
Few dynamic studies on the formation of the defect-free channels
and the source of dislocations responsible for creating them have
been conducted. Robach et al. provided limited direct evidence
showing that pre-existing dislocations were immobile in ion irradi-
ated material and that the dislocations responsible for forming the
channels were generated from new sources, such as grain bound-
aries and stress concentrators such as crack tips [11]. Edwards
et al. conducted post-deformation analysis and interpreted their
observations using the same concepts [24]. However, several
questions remain to be addressed, namely, the influence of the
irradiation on the dislocation source, the mechanism by which
the dislocations interacted with the obstacle field to create the
cleared channels and how these dislocations interacted with and
were accommodated in grain boundaries.

In this paper, the results of dynamic observations of the effects
of heavy-ion irradiation on the room temperature behavior of
mobile dislocations as well as dislocation sources in 304 stainless
steel are reported. The observations were made in real time by
conducting the heavy-ion irradiations as well as the deformation
experiments in situ in a transmission electron microscope.
2. Experimental procedures

The starting material was 304 stainless steel foil with a thick-
ness of approximately 150 � 10�6 m. Samples with dimensions of
11.5 � 10�3 m-long � 2.5 � 10�3 m-wide were cut from the foil,
holes for attaching the sample to the straining stage drilled, and
the samples annealed at 1060 �C for 30 min. The central section
of these samples was thinned to electron transparency using a twin
jet polisher and an electrolyte of 6% perchloric acid, 39% butanol
and 55% methanol.

The ion irradiations as well as the deformation experiments
were performed in situ in a transmission electron microscope using
the IVEM-accelerator facility at Argonne National Laboratory. The
samples were irradiated at room temperature with 1 MeV Kr ions
to a dose in the range 0.5–5 � 1017 ions m�2; this dose range was
selected to give a reasonable defect density throughout the
Fig. 1. Dark-field images of the unirradiated and irradiated microstructure. The
electron transparent foil. The in situ straining was accomplished
using a single-tilt high-temperature straining stage (GATAN Model
672). The electron microscope, a Hitachi 9000 was operated at an
accelerating voltage of 200 keV. The experimental approach in-
volved straining prior to irradiation to create a population of mo-
bile dislocations under this loading condition, irradiating and
loading again or simply loading an irradiated sample.
3. Experimental results

The ion irradiation was with 1 MeV Kr+ ions. With this energy
the ions are not deposited in the thin foil and the energy lost is
deposited primarily in the formation of sub-cascades, which will
produce small defects throughout the foil thickness. The dark-field
micrographs presented in Fig. 1 compare the microstructure in an
unirradiated and irradiated (3 � 1017 ions cm�2) foil. Clearly, the
irradiation produces a high density of small defects that should
be distributed throughout the foil. The type of defect was not
determined in this study but based on the work of Cole and Bruem-
mer, the defects are expected to be small Frank loops [25].

The first experimental mode involved creating a set of mobile
dislocations and then irradiating the sample to a dose of
3 � 1017 ions m�2 to determine if these dislocations remained
mobile and if the dislocation source continued to generate disloca-
tions with and without application of an additional applied stress.
The bright-field micrographs shown in Fig. 2, compare the mobile
dislocation structure generated prior but imaged immediately after
the ion irradiation, Fig. 2a; the position after 335 s of a loading
experiment, Fig. 2b; and after further significant loading, Fig. 2d.
Here it is important to realize that the experimental method has
no capability to measure the amount of displacement, and the only
assessment that this region was under load was the observation of
additional dislocation activity in this region; examples of this are
shown in subsequent figures. To demonstrate the extent of disloca-
tion motion, difference images, formed by superimposing a posi-
tive image of the initial position on a negative of a later state,
were made and are presented as Fig. 2c and e for the two loading
times. Both difference images show that any motion of these dislo-
cations is negligible. That is, the damage created by the irradiation
effectively locked the mobile dislocations in their pre-irradiation
position.

The source that created the dislocations observed in Fig. 2 was
near a crack tip located some distance behind them. With small
damage was produced by a 1 MeV Kr+ irradiation to a dose of 3 � 1017 m�2.



Fig. 2. Comparison of the position of the dislocations (a) immediately after irradiation, (b) after further straining, (c) difference image of a and b, (d) after significant straining,
(e) difference image of a and d.
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incremental increases in the applied stage displacement, this
source continued to generate new dislocations on the original as
well as on parallel slip systems. That is, the irradiation-produced
defects appeared to have negligible impact on the ability of a
source to nucleate new dislocations. However, there were several
notable differences between these dislocations and the ones
generated prior to the irradiation. The first was the distance the
dislocations travelled from the source, which was notably less than
in the unirradiated case. Evidence for this is that no new disloca-
tions travelled to the position of the dislocations shown in Fig. 2
despite the generation of a significant number of dislocations on
this slip plane. Another difference was in the dislocation activity
Fig. 3. Time-resolved series of images showing dislocation motion on the same slip b
successive image was 10 s.
and motion within the active slip band. It now occurred in a
discontinuous manner, was slow and jerky as the dislocations per-
colated through and interacted with the irradiation-produced
obstacles. These features are evident in the time-resolved images
captured at different times in the deformation experiment and
select examples are presented in Figs. 3–5. Difference images are
again constructed to aid visualization of the motion and the
distance moved. From these images it can be seen that:

� The motion of individual dislocations occurs in a segmented
fashion, which is consistent with segments of the dislocation
breaking free from the barriers at different times. This is
and as in Fig. 1 immediately after irradiation. The time difference between each



Fig. 4. Time-resolved series of images showing dislocation motion on the same slip band as in Fig. 1 after irradiation. The time difference between each successive image was
10 s.

M. Briceño et al. / Journal of Nuclear Materials 409 (2011) 18–26 21
expected as the barrier is not necessarily the same for the entire
dislocation as it may intersect the barrier at different locations
giving a range of barrier strengths. This segmented motion is
particularly evident in the images presented in Fig. 3 in which
only small segments of some dislocations are seen to move.
� The motion of one segment of a dislocation does not necessarily

cause motion in neighboring dislocations as evidenced by the
nature of the motion shown in Figs. 4k, 5l and n. This
observation suggests that the dislocation interaction forces are
insufficient to cause the dislocation to break free of the obstacle
and/or that the dislocations never get sufficiently close to expe-
rience one another.
� Dislocation motion occurs in a discontinuous manner, as seen

by the periods of inactivity that occur for some dislocations
under constant load conditions; compare, for example, Figs.
4k, l and 5k–m.
� The degree of dislocation motion increases with time. This can

be seen by comparing the dislocation motion in Figs. 3–5, which
are at increasing times from a deformation pulse – that is the
stage was pulsed and then held constant. In Fig. 3, in which
the obstacle density is the greatest, the dislocations move in a
segmented fashion with no evidence for motion of complete
dislocations, Fig. 3l. In contrast in Figs. 4 and 5, which are for
later periods and after significant dislocation motion, complete
dislocations have moved. For some dislocations, motion of the
entire dislocation line occurs within the 10 s timeframe
between images; see the difference images in Figs. 4l and 5k
and for others the motion is still in a segmented incremental
manner. The projected distance moved in any time increment
is not uniform and is between 5 and 20 nm. These effects are
consistent with the mobile dislocations decreasing the obstacle
strength through either annihilating the defect or reducing its
size and thereby making an easy glide path. This would make
it easier for subsequent dislocations to move through this area.
� This dislocation motion is different from that in unirradiated

material as the outer segments are seen to move while the cen-
tral segment remains locked in position. Normal motion in
in situ TEM straining experiments in unirradiated foils has the
central segment leading the outer segment because of the influ-
ence of surface image forces.

To illustrate the difference in the dislocation motion between
the unirradiated and irradiated materials, a time-resolved series
of images of dislocations approaching a grain boundary in the unir-
radiated material is shown in Fig. 6. The time between each image
is 5 s so that the comparison of the initial and final positions,
Fig. 6d, is equivalent to the time difference between successive
images in Figs. 3–5. The difference image, Fig. 6d, shows mostly
white dislocations indicating that they have entered the field-
of-view during this time increment, which corresponds to them
moving a distance of several hundred nanometers. Another obvi-
ous difference is in the shape of the dislocation line, it is now
smooth and uniform compared to in the irradiated case. Further-
more, the line moves as a unit as opposed to the segmented motion
seen in the irradiated material. The curvature of the dislocations
seen in Fig. 6 is a direct consequence of the free surface pinning
the outer segments of the dislocations.

The difference in the motion of dislocations in the slip band and
the distribution suggests that the nature of dislocation pile-ups
formed at grain boundaries may be different in the two cases. To



Fig. 5. Time-resolved series of images showing dislocation motion on the same slip band as in Fig. 1 after extensive dislocation motion. The time difference between each
successive image was 10 s.

Fig. 6. Time-resolved series of images showing dislocation motion in unirradiated
material. The time difference between each successive image was 5 s.
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illustrate this difference a time-resolved series of images of dislo-
cations approaching a grain boundary and forming a pile-up in
the unirradiated and irradiated materials are compared in Fig. 7.
From this comparison, it can be seen that in the unirradiated case
the dislocation motion occurs over a shorter timeframe than in the
irradiated case, and the dislocation images are smooth lines as op-
posed to the pinned and bowed segments that comprise the line
dislocations in the irradiated case. With increasing dose the effect
of the obstacle field increases and this changes the dislocation
spacing in the pile-up and the distance the dislocations move in
a given time. For example, for the dislocations indicated in the dif-
ference images the projected distance moved was 251 nm, 30 nm
and 32 nm in 0.033 s, 0.866 s and 10.64 s, in the unirradiated,
and irradiated to a dose of 5 � 1012 ions cm�2 and 5 � 1013

ions cm�2, respectively. Of course, this result needs to be inter-
preted with the caveat that the loading is not necessarily the same
for the two cases. However, these conclusions appear to hold for all
conditions examined. From the images in Fig. 7, the nature of the
interaction between the dislocations and grain boundary also ap-
pears to be influenced by the irradiation. In the unirradiated case,
a conventional dislocation pile-up is observed forming at the grain
boundary, whereas in the irradiated case the dislocations are more
uniformly spaced as they approach the grain boundary and the rate
of approach is slower requiring a higher shear stress to drive the
dislocations to the grain boundary. A more detailed comparison
and discussion of the interaction of dislocations with grain bound-
aries in unirradiated and irradiated materials will be presented
elsewhere [26].

It was implied in the discussion of Figs. 2–4 that dislocation
sources such as those in the vicinity of the crack tip and at grain
boundaries were not impacted by the irradiation and continued
to operate with minimal increases in applied load. Snapshots in
time of the operation of a grain boundary source are shown in



Fig. 7. Development of dislocation pile-ups at grain boundaries as a function of ion dose. (a) 0, (b) 5 � 1016 ions m�2, and (c) 5 � 1017 ions m�2.

Fig. 8. Dislocation emission from a grain boundary source as a function of time following irradiation. Lines delineate the initial extremes of the slip planes emanating from
the grain boundary.
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Fig. 8. These images illustrate that the rate of emission of disloca-
tions from the grain boundary as judged from the change in the
dislocation structure near it, is very rapid and many dislocations
are ejected. These dislocations do not propagate far from the
source. Also, it appears that the width of the emission region from
the grain boundary increases with source operation time. This can
be seen by comparing the positions of the slip band intersections
with the free surface. The lines superimposed on each image
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indicate the intersections of the initial slip systems with the free
surfaces. Clearly, there is an increase with increased straining such
that the source can be viewed as occurring from within a volume
element of the grain boundary with multiple emission points.
The emission points need not and most likely do not operate
continually as the magnitude of the back stress from the emitted
dislocations may change with time and this might shut-down
one emission point, at least temporarily, and activate another. This
widening of the region of the grain boundary from which disloca-
tions are emitted could have important consequences for
determining the width of the defect-free channel.
4. Discussion

Central to the development of a model to account for the salient
features of the changes observed in stress–strain curves as a func-
tion of irradiation dose is identification of the source of the dislo-
cations responsible for the plastic response of the material. In
this series of time-resolved experiments, it has been shown that:

� mobile dislocations are rendered immobile by the irradiation-
produced defects;
� dislocation sources at grain boundaries and stress concentrators

such as crack tips continue to pump dislocations into the lattice
at a rate that appears unaffected by the irradiation-produced
defects;
� dislocation mobility is hindered by the defects and the charac-

teristics of motion are altered as the dislocations must percolate
through the defect field, which results in the defects being
reduced and eventually annihilated; and
� dislocation pile-ups at grain boundaries form at higher stresses

in irradiated than in unirradiated metal.

The immobilization of the pre-existing glissile dislocations is
shown to be a direct consequence of the irradiation defects
increasing the shear stress needed to enable them to break away
from the obstacle field. Here the dislocation interactions with indi-
vidual defects were not resolved and therefore there was no mea-
sure of the breakaway strength. However, Robach et al. measured,
from the curvature of the dislocation immediately prior to break-
away, the strength of the interaction of a dislocation with individ-
ual Frank loops in ion irradiated copper and found that the obstacle
strength varied from 15 to 170 MPa with a mean of 40 MPa [11].
The variation in the barrier strength was related to the details of
the interaction, namely, the dislocation type and the position at
which the slip plane intersects the barrier. Such variability in the
barrier strength would account for the discontinuous segmented
dislocation motion that is observed in the images presented in Figs.
3–5.

The observation that the same dislocation source continues to
produce dislocations on the same slip plane, Figs. 2 and 3, suggests
that the local shear stress never attains the requisite value at the
front of the dislocation array as the freshly generated dislocations
never reach, and therefore do not influence, the leading disloca-
tions. This result suggests that the rate-limiting step is not the
nucleation of dislocations from sources such as grain boundaries
but rather is the stress to propagate the dislocations through the
field of obstacles. This conclusion has several important implica-
tions in regard to attributing the macroscopic stress–strain curves
in terms of the behavior of dislocations.

Based on the observations presented herein, an understanding
of the evolution of the dislocation structure within an individual
grain emerges as shown in the series of schematics presented in
the first column in Fig. 9. Here the continued operation of a grain
boundary source is represented by a high density of dislocations
accumulating at the source end of the grain, Fig. 9b. The difficulty
of the dislocations, under the applied displacement, to propagate
through the field of obstacles is represented by them moving par-
tially through the grain, Fig. 9b. With continued loading the dislo-
cations reach the boundary on the other side of the grain and a
pile-up is formed, Fig. 9c. This pile-up is distinct from ones formed
in unirradiated grains as the spacing is rather uniform as opposed
to decreasing rapidly as the grain boundary is approached. With
further increases in the load a more conventional pile-up will de-
velop at the grain boundary

As the dislocations interact with and eventually annihilate the
defects, the resistance to moving a dislocation along the slip plane
attributable to the defects decreases with the passage of each dis-
location. That is, the resistance is not a constant, but decreases as
the strain increases. This decrease was apparent from the change
in dislocation behavior represented in Figs. 3–5 in which the
dislocation motion was seen to change with continued passage of
dislocations. These concepts are illustrated schematically in the
second column in Fig. 9, in which the dependence of the friction
stress opposing dislocation motion as well as the defect density
in a channel are shown as a function of distance between the
source and barrier for three situations, irradiated but no slip, par-
tial slip through the grain and complete slip through the grain.
To test this concept and to explore the effect of having an increas-
ing resistance to dislocation slip along a cleared channel, two-
dimensional discrete dislocation dynamics simulations were used.
For this preliminary simulation, the following assumptions were
made: plane strain conditions hold, a constant macroscopic shear
stress of 300 MPa was applied, dislocations were introduced until
the back stress from the dislocation array halted operation, and
the barrier was assumed to be insurmountable. The movement of
individual dislocations was evaluated using the current velocity
of dislocations, which was considered to be proportional to the
Peach–Koehler force. The friction stress opposing dislocation
motion along a slip plane in an unirradiated material was assumed
to be constant and taken as f 0

unirr = 10�3 G where G = 76.9 GPa is the
shear modulus. For the irradiated material, the friction stress was
assumed to increase linearly along the slip plane and, for this
calculation, it is taken to increase linearly from f 0

irr ¼ f 0
unirr = 10�3 G

near the source to f 1
irr = 5 � 10�3 G close to the barrier. Comparison

of the dislocation pile-ups at steady state in the unirradiated and
irradiated simulated materials is made in Fig. 10. Several differ-
ences are noted. Fewer dislocations were nucleated in the
irradiated than in the unirradiated material, the form of the disloca-
tion pile-ups were different, with a classical pile-up arrangement
forming in the unirradiated but not the irradiated, and the disloca-
tion spacing in the pile-up was greater in the irradiated than in
the unirradiated material. These structures are consistent with the
arrangements observed in the unirradiated and irradiated materials,
see Fig. 7b and c. Increasing the magnitude of the barrier in the sim-
ulation of the irradiated material, results in the dislocations being
halted before reaching the physical barrier. This result is consistent
with the observation in Fig. 8 that the dislocations accumulate close
to the source because of the magnitude of the barrier in the channel.

A consequence of having dislocation dynamics being controlled
by the propagation stress rather than the nucleation stress is that
in systems in which the obstacle density is high, a distinct yield
point may appear even in FCC metals. It has been suggested that
this simple explanation is incorrect as cleared channels have been
observed in samples prior to the yield point drop being reached
[24]. However, this observation simply reflects that the manifesta-
tion of a yield point drop in a macroscopic test requires a signifi-
cant number of events to occur before it is reflected in such a test.

The observations reported in Fig. 2 suggest pre-existing disloca-
tions, even if they were mobile prior to the irradiation are locked in
position by the irradiation. By extension, it is suggested that any



Fig. 10. Dislocation distribution against a barrier in a dislocation dynamics
simulation of unirradiated and irradiated material. The friction stress opposing
dislocation motion is constant in the unirradiated and increases linearly as the
barrier is approached in the irradiated.

Fig. 9. Schematic illustration of the evolution of the dislocation structure within a channel and the corresponding change in the fraction stress with the channel as a function
of strain.
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pre-irradiation Frank-Reed sources will be shut-down by the
irradiation and new sources must be generated to create the
defect-free channels. Further support for this shutting down of
pre-existing sources comes from the nature of the dislocation
motion through an obstacle field. Here it was demonstrated that
dislocations move in a discontinuous manner and not as a unit as
would be necessary for a source to operate. Of course, at suffi-
ciently high levels of stress or at high strain rates such sources
could be reactivated and they would then become competitive
with the other sources.
Cleared channels in irradiated metals have a width in the range
from 50 to 150 nm. Several dislocation processes have been pro-
posed to explain how this channel width arises. For example, Diaz
de la Rubia et al. used dislocation dynamics simulations to
investigate the formation of defect-free channels [3]. From these
simulations, it was suggested that the channel width was con-
trolled by dislocations cross-slipping during the process of inter-
acting with and annihilating the defects. Hiritani et al. suggested
that in metals in which the primary defects were stacking-fault
tetrahedra, the tetrahedra collapsed to Frank loops which caused
interacting dislocations to double cross-slip [27]. Certainly, cross-
slip processes have been observed when dislocations interact with
an individual stacking-fault tetrahedron and this will cause a
change in the position of the slip band within the channel [28].
Such processes will increase the field of obstacles with which the
dislocations interact and would provide a mechanism for widening
the channel. However, it is not obvious that cross-slip processes
are sufficient to yield the wide channels that are observed experi-
mentally. Finally, Ghoniem et al. proposed a different mechanism
for widening the channel, namely, that the absorption of the vacan-
cies from the stacking-fault tetrahedron by the dislocation caused
the formation of jogs on it [14]. Here the distance between the
source and the nearest grain boundary was important as this deter-
mined the number of possible interactions and the magnitude of
the jog, which in turn sets the channel width. However, disloca-
tions with such large jogs are not observed readily. Each of these
models deals with the case in which the irradiation-produced
defects are stacking-fault tetrahedra, but defect-free channels are
formed independent of the nature of the defects and a more
general explanation may be needed.
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The current observations offer an alternate explanation that is
independent of the material and the nature of the defects. From
the images in Fig. 8, it is suggested that the dislocation source in
the grain boundary is not a line but a volume element and it is
not static in the sense that emission from one region can be
shut-down temporarily and a new nearby source activated. This
mechanism provides generation of dislocations of the same type
on parallel slip planes and a natural explanation for the variable
width of the channel. Similarly, dislocation sources at a crack tip
can generate many dislocations on multiple parallel slip planes
as seen, for example, in the work of Robach et al. [11]. It remains
to be verified that the dislocation source width is sufficient to ac-
count for the channel width or if supplementary processes such
as cross-slip or jog formation are required too.

The interaction of dislocations in the channel have important
consequences for generating conditions for activating grain bound-
ary sources and, as suggested by Was and Busby, of generating con-
ditions that may be favorable for nucleating a grain boundary
crack, which has important implications for the sensitivity of steels
to stress corrosion cracking [15]. The work reported herein did not
emphasize this component of the interaction but differences in re-
sponse of grain boundaries in unirradiated and irradiated metals
were observed. First, the development of dislocation pile-ups at a
grain boundary occurred at higher applied loads in irradiated than
in unirradiated metals, which simply reflects the difficulty of
continuing to percolate those first dislocations through the obsta-
cle field towards the grain boundary. The continued uninterrupted
operation of the dislocation source and the difficulty of propagat-
ing these dislocations through the obstacle field generate a situa-
tion in which the dislocation density close to the source is high,
Fig. 8. This is the reverse of the normal dislocation distribution
against a barrier. The back stress from these dislocations can cause
the source to cease operation and for a new source to be generated
at another location along the grain boundary. Alternatively, it is
feasible that this could cause the boundary to adopt another relief
mechanism, namely, the generation of a grain boundary crack or
establish the necessary stress conditions to rupture the oxide at
this location. This concept is the subject of further investigation.

5. Conclusions

By conducting ion irradiation as well as straining experiments
in situ in the transmission electron microscope it has been demon-
strated that dislocations mobile prior to the irradiation are effec-
tively locked in position by the irradiation-produced defects. This
result has implications for the models developed to explain the
degradation in the mechanical properties of irradiated metals
and suggests that the physical basis of these models may need to
be revisited as the dislocations responsible for generating the
defect-free channels must be newly generated and cannot be
sources constructed from motion and interaction of pre-existing
dislocations.

In contrast, dislocation sources associated with grain bound-
aries or stress concentrators such as a crack tip appear to be unaf-
fected by the presence of the defects and continue to nucleate and
release dislocations. This implies the rate-limiting step is the dislo-
cation propagation not the nucleation stress. The mobility of these
dislocations is altered by the presence of the defects to such an ex-
tent that the motion is slow and jerky as the dislocations have to
percolate through the obstacle field. The increase in applied stress
is now most likely associated with the need for a higher shear
stress to push the dislocations through the obstacle field. With
continued passage of dislocations, the velocity increases as the de-
fects are either annihilated or fragmented by the passage of succes-
sive dislocations. This observation suggests that the stress to move
dislocations through the obstacle field will decrease with time,
which initially could give rise to the presence of an apparent yield
point drop.
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